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Abstract—A uni-dimensional micro-mechanical model for thermal cycling of continuous fiber reinforced
metal-matrix composiles is developed. The model treats the [iber and matrix as thermo-clastic and thermo-
¢lasto-plastic-creeping solids, respectively, and allows the operation of multiple matrix creep mechanisms at
various stages of deformation through the use of unified creep laws. It also incorporates the effect of inter-
facial sliding by an interface-diffusion-controlled diffusional creep mechanism proposed earlier (Funn and
Dutta, deta mater., 1999, 47, 149). The results of thermal cyeling simulations based on a graphite fiber re-
inforced pure aluminum matrix composite were compared with experimental data on a P100 graphitc -
6061 Al composite. The model successfully caplured all the important features of the observed strain re-
sponses of the composile for different experimental conditions, such as the observed heating/cooling rate
dependence, strain hysteresis, residual permanent strain at the end of a cycle, as well as both intrusion and
protrusion of the fiber-ends relative to the matrx at the completion of cyeling, The analysis showed that
the dominant deformation mechanism operative in the matrix changes coatinually during thermal cycling
due to continuous stress and temperature revision. Based on these tesults, a framework for the constrie-
tion of a transient deformation mechanism map for thermal excursions of continuous fiber composites is

proposed. Published by Elsevier Science Lid on behalf of Acta Metallurgica Inc.
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L. INTRODUCTION

Thermal cycling conditions are ameng the most
severe environmental conditions [or composites.
The difference between the coefficients of thermal
cxpansion of the matrix and the reinforcement
causes large internal stresses Lo be induced in the
composite during thermal cycling, often resulting in
permanent dimensional changes and a pronounced
strain hysteresis during cycling [1 -10]. Furthermore,
becausc of the continuous variation of the near-
interface stress state during thermal c¢ycling, sub-
stantial interfaciul damage may potentially result
[9-12].

A number of analytical treatments of thermal
cycling in continuous fiber composites has been
reported. Most of these have been based on one-
dimensional models, where it is assumed that the
interfaces are perfectly bonded and non-sliding, and
that the fiber material undergoes thetmo-elastic de-
formation only, whereas the matrix is subject o
thermal, elastic, plastic, and sometimes, creep
strains [5, 10, 12-16]. Al these models predict
extensive plastic flow of the matrix during cycling,

which can include both rate-independent and rate-
dependent plasticity. Because of this, the thermal
cycling response often shows a dependence on heat-
ing and cooling rates, with slower rates resulting in
greater permanent strains. The continuously varying
stress and strain states within the composite during
thermal cycling also canses the coefficient of ther-
mal expansion of the composite to vary appreciably
with temperature, thereby contributing to the strain
hysteresis. Similar results have been obtained using
a three-dimensional axisymmetric model [16], where
it was also shown that the results from the three-
dimensional model are qualitatively close to those
cbtained from one-dimensional models.

Although the micro-mechanical details of the
stress and strain excursions during thermal cycling
are reasonably well understood, the role of the
interface is still a subject of significant confusion.
Continuous fiber reinforced composites are gener-
ally thought to deform with the matrix and fiber in
isostrain condition. However, there is ample evi-
dence in the literature that this condition is often
violated, even in the absence of interfacial fracture.
This is most clearly observed following thermal
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cycling of composites in the absence of any applicd
load [10, 11]). For instance, Yoda e al [11]
observed that the ends of W fibers in a Cu matrix
intruded into the matrix following thermal cycling,
the extent of intrusion increasing with increasing
number of ¢cycles, Similar effects huve been observed
following sfow thermal cycling of graphite fiber re-
inforced aluminum composites [10], whereupon the
matrix was observed to protrude past the fiber-
ends. In both cases [10, 11], the slow heating/cool-
ing rates during cycling, in conjunction with the
tensile matrix residual stress along the fiber axes,
allowed the matrix to efongate relative to the fibers
via creep. Here, no interfactal debonding occurs,
and the differential strain between the matrix and
fibers is accommodated by fime-dependent diffu-
sional sfiding at the interface close to the fiber-ends,
where large interfacial shear stresses exist. This is
very different from the effect observed during rela-
tively rapid thermal cycling, where interfacial frac-
ture, followed by frictional sliding at the debonded
interface, results in the relief of axial tensile residua!l
stresses in the matrix, allowing the matrix to shrink
relative to the fibers [9, 17]. Frictional sliding is
commonly observed in composites with weak inter-
faces which undergo debonding during cycling [9,
12, 17], whereas time-dependent sliding via inter-
facial creep occurs in the absence of debonding [10,
1],

So far, most models (e.g. Ref. [12]) have treated
interfacial sliding either as a frictionally controlled
process (debonded interface) or as a shear flow pro-
cess (bonded interface). However, such approaches
do not account for sliding due to creep processes
{akin to grain boundary sliding) which are likely to
be prevalent at elevated temperatures, even in the
absence of debonding or matrix plastic flow.

Based on experimental observations of the creep
behavior of bulk composites, the interfacial contri-
bution to creep has been thought of in several
different ways. First, the interface has been thought
to be a highly dislocated region, wherein diffusion-
ally accommodated recovery processes may lead to
relative translation between the matrix and re-
inforcement [18-20]. This type of behavior may be
represented by a power-law creeping interfacial
region, which has been the basis for a number of
composite creep models proposed in the literature
{e.g. Refs [18, 20-22]). Alternatively, the accommo-
dation of differential matrix and fiber strains has
been thought to occur by a mechanism coupling
diffusive transport and viscous drag along the inter-
face [23-25], where both phenomena have linear
stress dependence.

Recently, the creep behavior of well-bonded
interfaces was experimentally isolated and studied
for the first time [26] by utilizing model single fiber
composites in conjunction with a fiber push-down
approach, whereby the interface was loaded in
shear. The interface was found to slide via inter-
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face-diffusion-controlled diffusional creep with a
threshold stress {Bingham flow), with the interface
acting as a high diffusivity path. Analytical model-
ing based on the approach of Raj and Ashby [27]
produced an explicit constitutive law for interfacial
sliding in the absence of interfacial fracture, and
revealed that the observed threshold stress was
directly related to the normal (radial) stress acting
on the fiber matrix interface [26]. In subsequent
work [28], matrix and fiber strains in specially
designed samples of a model single fiber composite
were separately measured during isothermal tensile
creep experiments in order to detect the effect of
interfacial sliding. The fiber and matrix were found
to strain differentially along the fiber axial direction,
with interfacial sliding being confined to the regions
near free surfaces at the extremitics of the gauge
length, where large interfacial shear stresses were
present. A uni-dimensional micro-mechanical model
for composite creep, incorporating the interfacial
creep law proposed in Ref. [26], was developed, and
it was found that the model closely simulated the
experimentally observed differential strain response
of the matrix and the fiber, and therefore, the role
of interfacial sliding during isothermal creep. From
a practical standpoint, interfacial sliding becomes
important during tensile creep only in the absence
of end-constraints on the specimen (e.g. in turbing
blades), or when the ratio of the specimen gauge
length to the fiber diameter (L/dr) is small enough
for interfacial shear stresses to be significant within
the gauge section [28]. Under such circumstances,
the composite creep rate can be finite even after
long times at a constant applied stress, whereas in
the absence of interfacial sliding, the creep rate
would eventually vanish with time [28]. Under ther-
mal cycling conditions, end constraints such as
thosc imposed on the grip sections of a tensile creep
sample are usually absent, and interfacial shear
stresses are continually generated and relieved at
the extremities of the sample. Thus the effects of
interfacial creep are expected to be substantially
more prominent during thermal cycling.

In addition to fostering interfacial creep, thermat
cycling conditions can also produce changes in the
dominant operative matrix creep mechanism com-
mensurale with the continuous changes in tempera-
ture and matrix stress. Although most studies of
creep and thermal ¢ycling of composites reported to
date consider only one dominant matrix creep
mechanism {e.g. Refs [5, 10, 11, 14, 18-20]), it has
been recognized that unified creep laws are necess-
ary to adequately describe the composite strain re-
sponse when the temperature and matrix stress vary
considerably, as during thermal cycling [29]. The
role of mechanism transitions has been investigated
in metal ceramic multi-layers, where the dominant
creep mechanism of the metallic layer(s) has been
found to change continually during thermal cycling
[30]. However, the impact of creep mechanism tran-
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Fig. 1. Schematic of the fiber/matrix interfacial region

used in modeling, showing a periedic interfacial topogra-

phy with a width # and a periodicity 4. The axial coordi-

nale r is zero at the middle of the fiber length and the

radial coordinate r is zero al the middle of the fiber
diameter.

sitions during thermal cyeling of fibrous composites
has not been addressed yet.

The purpose of this paper is therefore twofold:
{1) to model the thermal cycling response of con-
tinuous fiber metallic composites, incorporating the
effects of interfacial sliding and the opecration of
multiple matrix creep mechanisms, with the aim of
understanding the role/importance of difflusion con-
trolled interfacial sliding and matrix creep mechan-
ism transitions; and (2) to compare the analyticai
results with experiments based on continuous
graphite fiber reinforced aluminum composites in
order to assess the applicability of the model, in
particular with respect to interfacial sliding during
thermal cycling.

2. APPROACH
2.1, Analytical

A one-dimensional model for the axial strain re-
sponse of continuous fiber composites during axial
creep, acceunting for interfacial creep due to the
presence of interfacial shear stresses near the ends
of the fiber, is developed here. The general
approach is identical to that utilized in earlier work
to model isothermal creep [28]. It is assumed that
the fiber and the matrix are thermo-elastic and
thermo-elasto-plastic-creeping  solids, respectively,
The model acceunts for interfacial sliding via diffu-
sionally accommodated mechanisms [26], as well as
possible changes in the matrix creep mechanisms
during thermo-mechanical excursions, which have
been incorporated by utilizing unified steady state
dislocation and diffusional creep laws [31].
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A schematic of the interfacial region, as concep-
tualized for the model, is shown in Fig. 1, which
depicts half the axial length of the composite, with
the axial coordinate z heing zero at the middle of
the fiber length, and the radial ceordinate ¢ being
zero at the middle of the fiber diameter. During
thermal cycling, a shear stress t;, which varies with
the axial coordinate z, is generated at the interface.
7; is zero at z = 0, and maximum at the fiber-cnds
(z=1%/2). As in Refs [26, 28], the interface is
assumed to be microscopically periodic with u
width ol 4 and a periodicity of A.

Based on the constitutive law devcloped in Ref,
{26], the strain rate due to interfacial sliding can be
represented as

7 = dilty — 1p) (1)

where 7; is the shear stress acting on the interface,
1p is a threshold shear stress, and

-2 @
where (; and D are the activation energy and fre-
quency factor, respectively, for interfacial diffusion,
k i3 Beltzmann's constant, R is the gas constant, T
is the absolute temperature, £} is the atemic velume
of the diffusing species (matrix), and §; is the thick-
ness of the interface. Following Refl, [26]. the
threshold stress zq is expressed as

3
o = 2?:3(;) o 3)

where gy is the radial compressive stress acting on
the interface due to the cocfficient of thermal expan-
sion and/or Poisson’s ratio mismatch between the
matrix and fiber.

The overall solution scheme for predicting the
strain responses of the fiber and the matrix separ-
ately is outlined below. Additional details of the
analysis are available in Ref. [28]. When the matrix
and fiber are in a non-isostrain state, stress equili-
brium under a constanl applicd stress g, requires
that

4;

48,0,
T kTR N

)

14+&m
g, = Gme+Jfo[ T :’

1+ &

where o, is the axial matrix stress, o¢ is the axial
fiber stress, Vo, and ¥; are the volume fractions of
the maltrix and fiber, respectively, and £, and ¢ are
the average axial strains of the matrix and fiber, re-
spectively. Strain contimmity across the interface
requires that

& -
S Em — ) = hy )

where /; is the nominal gauge length (shorter of the
matrix or fiber lengths), £, and Z¢ represent average
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strain values over half the gauge length (z = 0 to &/
2}, v is the interfacial shear strain at z = %/2, and
is given by [see equation (1)]

v =7t = Ai[t(z = 1/2) — o). )

The matrix and fiber strains £y, and z¢ are given by

Em_a +a‘°"+s"]+a” {7

and

B =20+ 7] ®)

where the superscripts th, el, pl and cr represent the
thermal, elastic, plastic and creep components. The
expressions for the individual strain components on
the right-hand side of equations (7) and (8) are
given in the Appendix.

Rewriting equation (5) in incremental form and
substituting for Agn, Afy and Ay using equations
(4) and (6), and equations (Al)-(A8) (Appendix)
yields
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Hy { i
_—B /— h for z < z 11
lVEfn( Ef) or z < Iy (11}
and
z 148y
u=Ay+ (@ - AU)(,_) for zz 2 (12}
g

where zy 1s the value of z beyond which the matrix
at the interface undergoes yielding in shear, given
by

1 2
Zg = —sinh_]( m ) 13
RN Y 3
where ry 15 the fiber radius, £; is the Young's mod-
ulus of the fiber, and I} is the temperature-depen-
dent shear yield strength of the matrix. The

parameters Hy, By, 4, and By in equations (11) and
(12) are given by equations (14)—(17) below [28]:

2
H=— (14}
woarydom | Bom T HIN T M+ 0]
™ E, RWH m
Ao, — AoV il 4 e _FE&
—| AT + — 9 _ —&fm
ars g2 (E) | @ ) s
cosh
2h {
= EAiAII:Ti (Z = 50) — 1.'0].
From above, the incremental change in the matrix _owf; K “
stress is Ao =15 (l Gm (16}
A l1+¢ 2k {
AdAT + Agr — 2% (LHEny N, Ar[z.(z_ —“) —m}
Eive\ 1+ fo 2
Aay = — = (10
Vi fl+Em + L n 1
E; Ve 1+kr E, RWH
. . o K I
wher‘e R‘WH is rate of work hardening of the Bi= X N+ M+0y) an
matrix, given by A

don, s i =lm
RWH="""" 2 gy | 2"
dei K

K, and »n; being the matrix work hardening coeffi-
cient and exponent, respectively, and t;(z = /4/2)
represents the intcrfacial shear stress at z = /2 at
the beginning of the solution step.

The interfacial shear stress 1; can be calculated as
a function of z by using a modified shear-lag
approach after incorporating the effects of matrix
plasticity and creep, and is given by [28]

where N =r(1/Gy + A" Mn(R/rs). M =hAit, On =
(Anrtj(l = R —rl =", N =ri(1/ G+ 1/K”
+A47 )]Il(R,fF‘f), R= rf(’W! ﬁ= N/H_lfo, and Gm is
the shear modulus of the matrix, 4 = 44y -t and
A" = Aggr - t [Agi and Agir being the matrix creep
coefficients for power-law dislocation and diffu-
sional creep, respectively (Appendix)], n is the siress
exponent for power-law matrix creep, and K" is the
linear work hardening coefficient of the matrix in
shear.

The threshold shear stress for interfacial creep,
75, can be obtained using equation (3) based on the
temperature-dependent value of the interfacial nor-
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Fig. 2. Experimental axial strain response of a P100 graphite fiber reinflorced 6061 Al composite during
two thermal cycles over a temperature range of 293-373 K (Ist cycle = solid arrows; 2nd cycle = line
arrows).

mal (radial) stress og. For an aluminum-—matrix
composile, og may be assumed to be zerc at 800 K,
rising to a value of oy, at 300 K in inverse propor-
tionality with temperature, vielding (after Ref. [28])

480
GRZO'ROI:—T—‘- —06:| (18)

During heating/cocling in the absence of an
applied stress, and/or during isothermal creep at a
constant stress, Ac.=1{. Hence the incremcntal
change in the matrix stress [equation (10}] becomes

AGAT + Acsf — %Aim[ﬁ ( - ’ﬂ) _ TU]
AG.. = kb 2
O = —

each solution step, the stress and strain increments
are calculated and the matrix and fiber stress/strain
arc updated. This was achieved using a computer
program written in the MATLAB® programming
language.

2.2. Experimental

Thermal cycling experiments were conducted on
a umdirectionally reinforced, cast 40 vol.% P100
Thornel graphite fiber reinforced 6061 Al composite
obtained from Fiber Materials Inc., Columbus,
Ohio, using rectangular bar specimens {254 x 5.5 x
3 mm®) with the specimen length aligned along the

Vi (1 +Em " 1 " 1 fiber axes. The longitudinal thermal strain response
ExVi\ 142 E, RWH of the composite was measured at various heating/
(19) cooling rates using an Orton® automatic recording

where 7;(z = {;/2) can be calculated from equations
(11) or {12).

The basic solulion procedure to obtain the stress/
strain state of the matrix/fiber during a thermo-
mechanical excursion consists of: (1) calculating the
initial matrix stress state oy, at the start of the
thermo-mechanical cxcursion; (2) calculating the
incremental stress change Agy, using equation (19}
(3) updaling the matrix stress as oq, = 0, | +Adg
(here the subscript / represents the jth solution
step); and then (4) computing the matrix and fiber
strain components using cquations (Al)-{A6). This
procedure is utilized iteratively, allowing the tem-
perature and/or time to change incrementally. At

dilatometer between a lower limit of 293 K and an
upper limit of either 603 K or 373 K. The heating
and cooling rates used in all the experiments fell
within the slow cycling regime, so as to foster creep
conditions at the interface and within the matrix,
and preclude interfacial fracture/debonding. All
tesling was conducted in argon atmosphere.

To observe the effect of interfacial sliding during
thermal cycling, 10 x 10 mm? billets were cycled in
the dilatometer, but without the sample contacting
the push-rods. Periodically, cycling was interrupted
and the samples were inspected under the scanning
¢lectron microscope (SEM). Additionally, trans-
mission electron microscopy (TEM) was used to ob-
serve the interfacial region before and after thermal
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Fig. 3. Experimental axial strain response of a P100 graphite fiber reinforced 6061 Al composite during
three thermal eycles over a temperature range of 293-603 K (st cycle = solid arrows; 2nd cycle = line
arrows; 3rd cycle = open arrows).

excursions on samples prepared by standard tech-
niques (e.g. Ref. [10]).

3. RESULTS
3.1. Experimenial

Figures 2 and 3 show the measured longitudinal
strain response of the P100 graphite—6061 Al matrix
composite during two thermal cycles between 293
and 373 K, and three thermal cycles between 293
and 603 K, respectively. Consistent with previous
reports, a substantial strain hysteresis and a distinct
knee in the heating curve are observed in bolh
cases, these effects being more prominent during the
first cycle. Comparing the strain response during
the first cycle in the two figures, it is apparent that
the knee occurs at a lower temperature ( ~360 K) in
Fig. 2, where the heating rate is 0.0025 K/s, than in
Fig. 3 (~430K), where the heating rate is 0.025 K/
5. Clearly, the thermal cycling response ol the com-
posite is strongly rate dependent. Alsc apparent in
both figures is a compressive residual permanent
strain at the end of the first cycle, indicating that
the composite length is shorter following the first
cycle than at the start. During subsequent cyciing,
the residual strain  decreases, and eventually
vanishes (after two cycles for 283-373 K and three
cycles for 293-603 K}, although the strain hysteresis
Temains.

Figures 4 and 5 show the extremitics of two com-

posite samples viewed end-on in the SEM flollowing
cvcling up to 373 and 603 K, respectively. Prior to
the experiments, the sample surfaces were ground
to a | pm finish in order to ensure that the fiber-
cnds were flush with the matrix. It is apparent that
after three cycles till 373 K, thc matrix protrudes
slightly beyond thc fiber-ends. Contrarily, after
three cycles till 603 K., the fiber-ends are observed
to protrude significantly beyond the matrix. Clearly,
in neither case are the matrix and fiber in isostrain
condition. Interestingly, there appears to be no evi-
dence of interfacial fracture [which is typically man-
ifested in the form of a crevice around the fiber
perimeter (e.g. Ref. [9])] in either cuse. Energy dis-
persive X-ray analysis of the cylindrical surfaces of
the protruding fibers revealed the presence of Al
Mg and O. This is consistent with the structure of
the interfacial region, as observed in the bright field
TEM micrograph in Fig. 6, where a 0.3-0.4 ym
thick inter-phase of spinel (MgAl,Qy) is secn to be
present between the Al matrix and the graphite
fiber. In the absence of inlerfacial fracture, it may
be presumed that the differential strain arises due to
diffusionally accommodated sliding at the spinel-Al
interface during the thermal cycling experiments.

3.2, Anafytical

The approach outlined in Section 2.1 was utilized
to model the fiber and matrix strain responses
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Fig. 4. SEM image of the surface of the experimental composite following three cycles from 293 to
373K at heating and cooling rates of 0.0025 and 0.001 K/s, respectively, showing some of the fiber-
ends intruding into the matrix.

Fig. 5. SEM image of the surface of the experimental composite following three cycles from 293 to
603 K at heating and cooling rates of 0.025 K/s, showing the fibers protruding significantly from the
matrix. There is no evidence of interfacial fracture.

during thermal cycling (in the absence of applied
load) of a commercially pure aluminum-matrix
composite reinforced with 40 vol.% of P100 graph-
ite fiberst. Table 1 lists the relevant data used in
the model. The properties of the elastic fiber (graph-
ite is entirely elastic and non-creeping within the

1 For modeling, a pure aluminum matrix was chosen
(rather than a 6061 Al matrix) because of the ready avail-
ability of comprehensive materials data required for con-
sideration of creep mechanism transitions through the use
of unified creep laws [31].

stress and temperature conditions of the present ex-
periments) were obtained from Ref. [33], those of
the elasto-plastic matrix were obtained from Ref.
[34], whereas the other data relevant to the creep
behavior of pure Al matrix were obtained from
Ref. [31].

Since experimental data on the creep behavior of
graphite-aluminum interfaces are not available, the
data used to represent the creep properties of the
interface were inferred on the basis of the results
reported in Ref. [26]. The five unknown parameters
in the interfacial sliding rate equation [equation (1),
along with equations (2) and (3)] are ow, O;, h/4, &



Fig. 6. Bright field TEM image of the fiber-matrix inter-

face, showing the presence of a 0.3-0.4 um wide interfacial

zone consisting of fine crystallites of MgAlLO,, with A

and B indicating some larger Al-rich and Mg-rich par-
ticles, respectively.

and ¢;D;. Experiments on model Ni-Pb and SiO,—
Pb systems have shown that at temperatures where
only Pb is the diffusing species, Q; is close to the ac-
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tivation energy for grain boundary diffusion, and
the pre-exponential parameter §;D; is on the order
of 10-50 times the pre-exponential for grain bound-
ary diffusion. Accordingly, for the graphite—alumi-
num interface, Q; was taken to be 84 kJ/mol, and
0iD;, was estimated to be 1064pDyp,, Where dgpDgp,
represents the pre-exponential for grain boundary
diffusion in aluminum. Consistent with Ref. [26],
the parameter /. was assumed to have a value of
0.1, whereas the interfacial width # was taken to be
0.1 pm. Finally, the radial residual stress acting on
the interface at 298 K (og,) was estimated to be
15MPa (~a quarter of the axial matrix stress at
298 K). This was based on experimental results
from the literature [35], which indicate that the
transverse residual stresses in graphite—aluminum
are substantially smaller than the longitudinal stress
(which is of the order of the matrix yield strength)
because of the relatively small difference between
the transverse modulus of pitch fibers (~20 x
10-6/K) and aluminum (24 x 10-5/K).

Assuming the matrix to be in an initially stress-
free state at 800 K, the composite was subjected to
the following conceptual thermo-mechanical excur-
sions in the absence of any applied load: (1) cooling
in the absence of any applied load at 1K/s to
300 K, representing the initial post-fabrication cool-
ing; (2) heating to the maximum thermal cycling
temperature (380 or 600 K) at either 0.001, 0.05 or
0.5K/s; and (3) cooling back to 300K at either
0.001, 0.05 or 0.5 K/s. These rates and temperatures
were selected to be close to those used in the exper-

Table 1. Properties and constants used in calculation

Matrix Fiber
Al Graphite

Melting temperature (K) 933 N/A
Coefficient of thermal expansion (/K) 23 x 10-® =1 % 10°%
Young's modulus at 300 K (GPa) 69 690
Shear modulus at 300 K (GPa) 25
Temperature dependence for modulus calculations, A= (T}, /G dGy /dT') —0.5
Temperature-dependent yield strength of matrix (1100 Al):
T=533K: 0=PP+QQ x T+RR x T'* (MPa) PP 22.6235

QQ 0.1049

RR —0.0002
T=533 K: oy =MM exp(NN x T') (MPa) MM 195.38

NN —0.0045
Temperature-dependent Young's modulus En = Egw(l + AT — 300)/Th)
Temperature-dependent shear modulus G = Gl 1 + AT = 300)/T)
Temperature-dependent work hardening coefficient Ky =K, (1 + AT - 300)/T)
Work hardening coefficient at 300 K, K, (MPa) 700
Work hardening exponent, #, ) 0.5
Frequency factor for lattice diffusion, Dy (m?s) 1.7x 1074
Activation energy for lattice diffusion, ) (J/mol) 142,000
Pre-exp. for grain bdy diffusion, 84,0y, (m*/s) 5.0 % 10714
Activation energy for grain bdy diffusion, Qy, (J/mol) 84,000
Pre-exponential for pipe diffusion, a,D,, (m*/s) 7 x 1072
Activation energy for pipe diffusion. ¢, (J/mol) 82,000
Burgers vector, & (m) 2.86 x 10-10
Atomic volume, € (m®) 1.66 x 1072
Dorn constant, 4 3.4 100
Dislocation creep exponent, # 4.4
Power-law breakdown parameter, o’ 1000
Matrix grain size, d (m) 25 % 107°
Fiber radius, ry (m) - 531070
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iments. During cach step, the internal axial stress
and strain states in the constituents are compuled
as a function of temperature/time, in order to
maodel the overall hehavior of the composite during

t The one-dimensional model ignores the contribution of
transverse slresses, except i the interfacial creep equation,
where an estimate of the radial residual stress op is uti-
lized for determining the threshold stress.

thermal ¢vclingt. It is worth noung here that our
maodel utilizes only steady state equations for creep,
and therefore, the computed instantaneous creep
raies are expected to deviate somcwhat from the
actual material response, especially at the higher
temperatures [30].

Figures 7 and 8 show a plot of the computed
axial composite strain during two thermal cycles
from 300 to 380 K, in the absence of, and in the
presence of interfacial sliding, respectively. In both
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cases, the heating and cooling rates are 0.001 K/s.
The overall strain responses are observed to be very
similar, except that in the absence of interfacial slid-
ing. the fiber and matrix are in isostrain condition,
whereas in the presence of sliding, they strain differ-
ently. Figures 7 and 8 also agree reasonably well
with the experimental results (Fig. 2). Consistent
with the experiments, a strain hysteresis and a dis-
tinct knee in the heating curve are observed. Also
observed is a compressive residual permanent strain
at the end of the first cycle, which disappears at the
end of the second cycle. The origins of these will be
discussed later. Of particular interest is the obser-
vation that under the conditions of the prescnt
simulation, the final length of the fiber is less than
that of the matrix (i.e. the fiber intrudes into the
matrix) in the presence of Interfacial sliding (Fig.
8). It is apparent that most of this differential defor-
mation (which caunses the length difference) occurs
during the first cycle.

Figure 9 plots the strain response when the com-
posite is once cycled between 300 and 600 K at
0.05 K{s in the absence of interfacial sliding, for a
starting matrix stress (o) of 38 or 35MPa,
Following initial cooling from the fabrication tem-
perature (from 800 to 300K at 1K/s), the axial
tatrix stress present in the work-hardened matrix is
58 MPa (the same as the new yield strenglh). With
time, some of this stress is likely to be relieved due
to rccovery processes operative at ambient tempera-
ture in the pure Al matrix. Therefore, the effects of

two different oy, levels are considered. It is
chserved that commensurate with a decrease of the
initial stress oy, from 58 to 35 MPa, the residual
permanent strain at the end of the cycle increases
significantly. The rationale for this will be discussed
subsequently.

Figure 10 shows the computed composite strain
response during three thermal cycles from 300 to
600 K at 0.05 K/s in the presence of interfacial slid-
ing. In addition to the hysteresis, knec and the re-
sidual permanent strain (as observed in Fig. 9), it is
seen thal under these conditions, the fiber length is
greater than that of the matrix (i.e. the fiber pro-
frudes out of the matrix) at the end of the first
cycle. The difference between the matrix and fiber
lengths increases slightly during subsequent cycling,
the rate of increase decreasing and eventually van-
ishing with increasing number of ¢ycles, as obscrved
experimentally. This protrusion of fibers relative to
the matrix is in contrast to the fiber intrusion that
was observed at the end of the 300-380 K cycle. Tt
is thus apparent that a diffusionally accommodated
interfacial creep mechanism can rationalize both
fiber intrusions as well as fiber protrusions during
thermal cycling.

Comparing the cooling segment of the first cycle
in Fig. 10 (analylical) with that in Fig. 3 {exper-
imental), it is observed that the cxperimental curve
is convex down, whereas the analytical fiber strain
trace is concave down. Since the fiber protrudes out
of the matrix, it may be expected that the exper-
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imental dilatometer trace should follow the fiber
dimensions. This apparent discrepancy may be
rationalized by realizing that the cnds of the dilato-
metry specimens were bevelled and rounded to
minimize their contact areas with the push-rods,
thereby allowing the protruding fibers o perhaps
bend away from the push-rods, which then essen-
tially track the matrix displacement (which is con-

vex downward, as seen in Fig. 10). In fact, the ends
of the fibers protruding from the matrix at and near
the region of contact with the push-rods were fre-
quently observed to be damaged or broken, sup-
porting the above inference.

We now rationalize the matrix and fiber strain re-
sponses noted in Fig. 10 on the basis of the var-
ation of the individual stress and strain componenls
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Fig. 11. Computed variation of the axial matrix stress 7, during three thermal cycles between 300 and
600 K. The initial matrix stress om, is 35 MPa (1sl cycle = solid armows; 2nd cycle = line arrows; 3rd
cycle = open arrows).
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during thermal cycling. For ease of interpretation,
the following discussion is based on the first cycle
only. Figure 11 plots the axial matrix stress as a
function of temperature. Starting from an initial
value of 35 MPa, oy, gets completely relieved by
about 340 K during the first heating excursion, fol-
lowing which a compressive o is induced in the
matrix. With progressive healing, this compressive
stress builds up, and arcund 380 K, the operation
of creep mechanisms begins stress relief. The knee
observed in Fig. 10 is coincidental with the start of
this stress relief. At the end of the heating half-cycle
{at 600 K), only a small axial compressive stress is
left in the matrix. During cooling, the compressive

stress is quickly relieved, and a tensile stress builds
up throughout the rest of the temperature excur-
sion, ending with a larger induced tensile stress at
300K (62 MPa) than that present at the beginning
of the cyele (35 MPa). This is due 1o work harden-
ing of the matrix during the latter stages of cooling
(and the commensurate increase in yield strength
from 58 to 62 MPa), as discussed below.

Figures 12{a) and (b) show the individual matrix
strain componenls during the heating and cooling
segments of the first thermal cycle, respectively. The
thermal strain increases during heating, and
decreases during cooling. The variation of elastic
strain is identical to that of the matrix stress oy, to
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which it is proportional. No plastic strain is induced
in the matrix during heating. However, a tensile
plastic strain is induced in the matrix during the lat-
ter stages of cooling (starting at about 370 K),
when the matrix yield strength is exceeded. This
leads to work hardening, thereby allowing the final
matrix stress to hecome larger than the initial yield

strength. Significant creep strains are induced in the
mairix during both heating and cooling above
about 380K, where the matrix creeps in com-
pression during heating, and in tension during cool-
ing. The net permanent strain observed at the end
of one thermal cycle in Fig. 10 is compressive since
the sum of the magnitudes of the tensile creep and
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Fig. 14. The variation of the instantaneous strain rates due (o dilferent dislocation creep and diffusional
creep mechanisms during the cooling segment of the first cyele between 300 and 600 K at (.05 K/s.
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plastic strains during cooling is smaller than the
compressive creep strain induced during heating,
Figures 13 and 14 show the instantaneous matrix
creep strain rates during the heating and cooling
segments of the first cycle, respectively. It is appar-
ent that different dislocation creep mechanisms are
predominant in different temperature regimes.
During heating, creep strains become significant
only above ~370°C, whereas during cooling, they

are appreciable till lower temperatures. This is
because higher matrix stresses exist at the low tem-
peratures during cooling. As expected based on de-
formation mechanism maps for Al [31], power-law
breakdown creep dominates at the lowest tcmpera-
ture (up to ~400 K), dislocation core diffusion con-
trolled power-law creep (low temperature power-
law creep) is the dominant mechanism in the inler-
mediate temperature range {~ 400—460 K), whereas
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Fig. 16. Computed variatior of the interfucial shear stress t; along the fiber length close to the fiber-end

at different stages of heating and cooling during th

e first cycle between 300 and 600 K at 0.05 K.
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volume diffusion controlled power-law creep domi-
nates above about 460 K. Thus, the use of unified
creep laws is imperative for proper simulation of
thermal cycling strains. Figures 13 and 14 also
show that for the present thermal cycling conditions
and the assumed matrix grain size (25 um), the dif-
fusional creep rates are much smaller than the dislo-

illustrating the influence of interfacial sliding kinetics.

cation creep rates, with Coble creep being the
predominant diffusional creep mechanism.

Figure 15 shows the varnation of the maximum
interfacial shear stress, w(z = &/2), and the maxi-
mum interfacial shear strain rate, 9,(z = Ij/2),
during three thermal cycles. Commensurate with
expansion of the matrix relative to the fiber during

T T T T | T T T T I F T L) L) I T T T T | T T T T I T 1 T L} ]
- Model . 1
[ - matrix, fiber (0.5K/s) ]
0.0002 | < \"-.Z .
| e - matrix, fiber {(0.05K/5) |
" - ix, fiber (0,05K/

i "-u.r*f,-.____ _
R ""m‘i:.g;% J
0.0001 | T e

W B +:
E - R gy
g | fiber (O.SKJ'S) M:ﬂ”’:‘.— - - - r:-h-_q |
& o fiber (0.05Ks) 'A_M IR e ]
) i - -_.-"- K —
E - .-’l':‘l- - e '.-..-'- "a‘ -
L M- - - J—_ anm® + -
& e (J) 5K/s) ' ]
— matrix (0.5K/s) . .
< .p.0001 | 4
- trix (0.05K ™ -
[ P QOKE) T 40 vol%PI00 Gr-Al ]
[ , sliding i/f, SiDi0=10 Snggbo ]

-0.0002 Lt AT I IR T T Y SO0 H SO S VT T SN N N SR NI 2 S
300 350 400 450 500 550 600

Temperature (K)
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1070

the first heating excursion, t;, which is negative at
the start of cycling, gets relieved around 340 K, and
hecomes positive thereafter. Beyond 380 K, the con-
tinued build-up of t; is balanced by partial relief
thereof duc to matrix creep. During cooling, the
matrix contracts relative to the fiber, and T
becomes progressively more negative. The inter-
facial shear strain rate becomes significant only at
temperaturgs above ~380K and increases with
increasing temperatures, but is counteracted by the
relief of 7; at high temperatures. During cooling, the
contraction of the matrix relative to the fiber allows
1; to build up, and this, in conjunction with the
high temperatures, results in large interfacial stiding
rates. As the lemperature drops, however, the mag-
nitude of 7; decreases rapidly, despite continued
inctease in the magnitude of 7. During subsequent
cycles, the magnitude of ™ at the higher tempera-
tures is smaller during both heating and cooling,
and therefore, the maximum interfacial shear strain
rate also becomes smaller. This results in progress-
ively less interfacial sliding during the second and
third cycles.

Figure 16 shows the distribution of the interfacial
shear stress 7; near the fiber-ends at various tem-
peratures during the heating and cooling segments
of the first cycle. The abscissa z/f, represents the
distance along the axial direction from the fiber-
middle, normalized by the nominal sample length.
[t is clear that 7 (and by hence §,) are non-zero
only wvery close to the fiber-ends for the given
sample and fiber dimensions. Thus interfacial slid-
. ing is confined to within approximately 1% of the
length of the sample from each end. Over this
length, «; starts out being negative at 300K,
switches sign around 330K and becomes increas-
ingly positive up to 370 K, and then decreases as
the temperature rises to 450 K because of creep
effects, eventually getting completely relicved at
600 K. During cooling, 1; becomes progressively
more negative. §; follows the same trend as 1,
except that at 375 K the thermal activation is too
small to result in any appreciable interfacial sliding.
These trends arc consistent with those observed in
Fig. 10 for «™* and 3™ (i.c. 1; and }; at z/lp = 1).
It should be noted that in general, 7; and ¥; are
positive when the matrix undergoss longitudinal
expansion relative to the fiber, whereas they are
negative when the matrix undergoes contraction
relative to the fiber.

The impact of the kinetics of interfacial sliding is
investigated in Fig. 17, which plots the matrix and
fiber strain responses during the first cycle for var-
ious values of the parameter §02;, [equation (2)]. It
is observed that for a heating/cooling rate of 0.5 K/
s, there is little interfacial strain during the heating
segment. During cooling, however, substantial inter-
facial sliding occurs, with the matrix shrinking
more relative to the fibers for greater values of
Dy, as expected. Interestingly, there is little

DUTTA: THERMAL CYCLING OF METAL- MATRIX COMPOSITES

impact of interfacial sliding kinetics on the fiber
length during thermal cycling, the cffcet being con-
fined predominantly to the matrix length. This is
because faster interfacial sliding kinetics allow
greater alleviation of the matrix-consiraint by
accommodating more creep/plastic deformation,
but have little dimensional effect on the fibers
which only deform clasticaily.

Figurc 18 shows the ecffect of heating/cooling
rates on the strain response during the first thermal
cycle for &0y, = 10840, . The rate effect is
observed to be significant. The divergence between
the matrix and fiber strains, and therefore the
extent of fiber protrusion from the matrix at the
end of the cycle, is observed to increase with
decreasing heatingfcooling rates. This is because of
lurger cumulative interfacial shear strains at the
slower heating/cooling rates. Also of note is the ob-
servation that at the end of the healing segment,
the matrix lenpth is greater than that of the fiber,
whereas at the end of the cycle, the matrix is
shorter. This is because the matrix expands more
than the fiber during heating, and contracis more
than the fiber during cooling, this differential
expansion/contraction being accommodated by
interfacial creep. Since the cumulative interfacial
shear strain induced during cooling is greater than
that induced during heating, the matrix ends up
being shorter than the fiber at the end of the cycle
despite being longer at the end of the heating seg-
ment.

4. DISCUSSION

Comparing Figs 2 and 3 with Figs 8 and 10, re-
spectively, it is apparent that although the analyti-
cal results are not in exact quantitative agreement
with experiments, they capture all the essential fea-
tures of the experimental stratn response, including
the extrusion/intrusion of fiber-ends relative to the
matrix at the end of cvcling, as observed in Figs 4
and 5. In fact, the noted deviation is not unreason-
able considering (i} the analytical results are based
on a pure Al matrix instead of Al 6061 in the exper-
iments; (ii) the interfacial creep data were cstimates;
(iii) the matrix was assumed 1o creep in steady state
only; and (iv) the available creep data for various
mechanisms in pure Al, although considered 1o be
the most comprehensive available, are not necess-
arily very accurate since they are often estimated
from significantly divergent experimental results
[31].

Both the expernimental and the analytical results
presented above indicate that the composite strain
response is strongly rate dependent, an effect that
has often not been explicitly recognized in the lit-
erature {(e.g. Refs {3-8, 36-38]). As shown above,
this rate dependence arises from two scparatc
phenomena: (i) matrix creep and (ii) diffusionally
accommodated interfacial sliding.
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Fig. 19. A transient deformation mechanism map for the first heating segment of a graphite-Al compo-

site with oy, = 35 MPa, showing the matrix deformation mechanisms operative in different heating

rate-homologous temperature regimes. Also shown are contours of constant total matrix strain and

modulus-compensated stress. In addition to identifying the dominant matrix deformation mechanism,

the plot can be utilized to predict the overall strain response and instantaneous matrix stress during
heating of the composite at any given rate.

Although many of the characteristics of the ther-
mal strain response of composites such as strain
hysteresis and the knee in the heating curve are
explicable without consideration of rate-dependent
plasticity (e.g. Ref. [36]), other features, such as the
residual permanent strain, and the intrusion/protru-
sion of fiber-ends relative to the matrix at the end
of cycling are more difficult to rationalize solely on
the basis of rate-independent plasticity. In the slow
cycling regime, where the present work is appli-
cable, stress relief mechanisms start operating early
on during the heating segment, never allowing the
matrix stress to exceed the temperature-dependent
yield strength. This precludes matrix yielding during
heating, which is essential for rationalizing the
observed knee if rate effects are ignored [36).
Furthermore, in the absence of matrix creep, the

heating rate dependence of the temperature at
which the knee occurs (as evident from a compari-
son of Figs 2 and 3) is not explicable.

Another manifestation of rate-dependent plas-
ticity is the residual permanent strain that is fre-
quently observed at the end of one cycle. As noted
earlier, during initial cooling from the fabrication
temperature, the matrix undergoes plastic defor-
mation (and hence work hardening), allowing the
matrix yield strength (and the new matrix stress) to
increase beyond the yield strength of the annealed
matrix. During storage in the as-fabricated state,
some stress relaxation usually occurs (such stress
relaxation has been clearly noted for SiC,/Al com-
posites at room temperature via neutron diffraction
studies [39]), allowing the matrix stress to drop well
below the yield strength. As shown above, such a
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decrease in the initial matrix stress (ey,) from 58 to
35MPa leads to a significant compressive perma-
nent strain at the end of the cycle, similar to that
observed experimentally. This is becuuse a decrease
in oy, places the matrix in compression earlier
during the heating segment, allowing it to creep in
compression over a wider temperature range. This
relationship between the extent of stress relaxation
prior to cycling and the magnitude of the compres-
sive permanent strain observed at the end of the
cycle (Ae,) may be the reason why Aey, has been
varionsly found to be zero, smail or significant in
different experiments (see Refs [2, 6-11, 38] and the
present study),

Even when the effect of matrix creep has been
recognized {e.g. Refs [2, 9-11]), transitions in the
matrix creep mechanism during thermal cycling
(demonstrated in Figs 13 and 14), and their effects
on the overall thermal strain response, have not
been considered. The present computations show
that plots of the instantaneous creep strain rates vs
temperature (e.g. Figs 13 and 14) display a strong
dependence on the rate of temperature excursion.
Thus the temperature range within which each
creep mechanism predominates is strongly depen-
dent on the heating or cooling rate. This rate and
temperature dependence of the operative creep
mechanism may be summarized in the form of a de-
formation mechanism map such as that shown in
Fig. 19 (plotted for the heating segment of the first
thermal cycle), where the different mairix defor-
mation mechanism fields are identified as {unctions
of the heating rate (d7/dr) and the homologous
temperature (7/T,). Also shown in the map are
contours of constant modulus compensated matrix
stress  (0,/Gn) and total matrix strain  (gy).
Although the map is based on steady state matrix
creep mechanisms, it represents a transient defor-
mation mechanism map since ¢,/G, and the matrix
strain rate &4, vary continuously during a tempera-
ture excursion. Such transient deformation mechan-
ism maps may be utilized to estimate the matrix
stress and strain (and hence the composite strain)
states at any instant during a thermai excursion for
any given heating/cooling rate. It should be noted
that the details of such maps are strongly dependent
upon the thermal strain history of the material (i.e.
initial matrix strain and stress states at the start of
each thermal excursion), and therefore must be con-
structed separately for the heating and cooling seg-
ments of different cycles. Nevertheless, such maps
provide a useful tool in offering insight into the
different deformation mechanisms prevalent in a
composite at different stages during a temperature
excursion.

It was observed from Fig. 15 that interfacial slid-
ing via creep mechanisms becomes prevalent above
~380K for a heating rate of {.05K/s.
Computations showed that this temperature is rela-
tively insensitive to the heating/cooling rate.
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Accordingly, a line indicating the start of interfacial
sliding has been added to the deformation mechan-
ism map in Fig. 19. Tt is observed that interfacial
sliding is prevalent over nearly the entire range of
parameters where matrix creep mechanisms operate.
In studies of rate eflects at metal-ceramic interfaces
in film-substrate systems, Jobin ¢r af. [40] found
evidence of a strongly rate sensitive interfacial slid-
ing phenomenon with a linear stress—strain rate re-
lationship in the low strain rate (¢ <107*/s)/high
tempcerature (77T, 2 0.3) regime, whereas the inter-
facial sliding rate was found to be rate-independent
{presumed to be governed by dislocation glide at or
near the interface) in the high strain rate/low tem-
perature regime. Our model of diffusionally con-
trolled interfacial sliding (Refs [26, 28] and the
present study) based on the behavior at elevaied
temperatures is consistent with the mechanism pro-
posed in Ref. [40], which is also in agreement with
our observation that the interfacial sliding rate
below ~0.387T, during thermal cycling is negligible
(Fig. 19). It is possible that in addition to diffu-
sional sliding at the higher temperatures, as
assumed in the present model, some sliding by rate-
independent mechanisms may also occur below the
start line indicated in Fig. 19. However, the total
interfacial shear strain induced due to such & mech-
anism is likely to be small compared with that
induced at the higher temperature by diffusional
mechanisms, since the heating rate {and therefore,
the matrix strain rates involved) are very small,
Whereas faster heating rates may increase the likeli-
hood of perceptible interfacial strains by rate-inde-
pendent sliding, they also increase the likelihood of
frictional sliding following interfacial debending
(e.g. Refs [9, 12]), suggesting that the low-tempera-
ture sliding mechanism proposed by Jobin er af.
may not necessarily be important in composites.

5. CONCLUSIONS

A simple micro-mechanical model has been devel-
oped in order te provide insight into the roles of
interfacial and matrix creep during thermal cycling
of continneus fiber composites. Unlike previous
efferts, the present model incorporates the effects of
interfacial sliding and matrix creep mechanism tran-
sitions at various stages during thermal ¢ycling. The
fiber and the matrix are modeled as thermo-elastic
and thermo-elasto-plastic-creeping solids, respect-
ively, whereas the interface was assumed to slide via
diffusion-controlled  diffusional creep with a
threshold stress related to the normal stress acting
on the interface,

The results of the model are in good qualitative
agreement with experimental dilatometry results
based on a continuous graphite fiber reinforced
aluminum composite. The model could successfully
rationalize all the important features of the exper-
imental strain response, including the incompatibil-
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ities in the longitudinal matrix and fiber strains,
which is reflected by either intrusion or protrusion
of the fiber-ends relative to the matrix at the end of
a thermal cycle,

The strain response during thermal cycling was
found to be strongly rate dependent, suggesting the
important roles of both matrix and interfacial
creep. Interfacial creep was found to be confined
only to a very small region near the fiber-ends
where sheuar stresses are significant, but under
appropriate conditions, resulted in appreciable
differential strain between the matrix and fiber. The
extent of differential strain induced in each cycle,
however, decreased with progressive cycling. Matrix
creep, which depends strongly on the instantanecus
stress and temperature, was found to undergo sev-
eral mechanistic transitions at different stages of
thermal cyching. making the use of unified creep
laws imperative {or realistic simulations of the com-
posite strain response. Based on the results of the
analysis, a tranyient deformation mechanism map for
thermal cycling, that plots the heating/cooling rate
{dTidi) against the homologous temperature (7/
Twm), has been constructed. The plot also includes
contours of constant matrix stress and strain, and
can be utilized to predict (i) the matrix strain and
stress states, and (i) the dominant matrix dcfor-
mation mechanism, at any instant during a thermal
excursion. The field for interfacial sliding, which
overlaps nearly the entire range of conditions over
which matrix creep is prevalent, is also indicated in
the map.
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APPENDIX
Expressiony for matrix and fiber strain components

The fiber undergoes thermal and elastic defor-
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mation only, the total axial fiber strain being given
by

o=+ F-?l)

(A1)

where

T o5
e = J ard?7 and & = —
T Eg

and 7| and T, are the lower and upper limits of
temperature during a thermal excursion, g7 is the
thermal expansion coefficient of the fiber and E; is
the Young’s modulus of the fiber along the axial
direction.

The matrix undergoes thermal, elastic, plastic and
creep deformation. The total axial matrix strain is
given by

tm = (g0 + & + B 465 {A2)
where superscripts th, el, pl and cr refer to thermal,
elastic, plastic and creep deformation, respectively.
The thermal and elastic axial strains of the matrix
are

T a
sﬁ:J %y d7 and &=
T En
where a, is the linear thermal expansion coefficient
of the matrix and £, is the Young's modulus of the
matrix in the axial direction. The plastic strain can
be derived from Ludwik’s relation and is given by

o [@a—ap]™
= [ K| ] (A3)
where o} is the matrix yield stress, and &5 and »y
are the work hardening coefficient and exponent, re-
spectively.

For the creep strain, both the dislocation and dif-
fusional contributions have been taken into con-
sideration. The total steady state creep strain may
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be written as

or _ adisl, |, adiff
B =Ap LA

(Ad)

where superscripts diff and disl represent the diffu-
sional and dislocation creep components, respect-
ively.

The dislocation crecp strain rate may be written
as [31,32]

E$S1=Adj5||:sinh(‘/;6 Jm)] (AS)
where
INAGRD
o= ()5
and

i 10
ot = [+ (g )|

n is the stress exponent for dislocalion creep, =’ is
the power-law breakdown parameter, G, is the
shear modulus, 4 is the creep constant, b is the
Burger's vector, a, is the cross sectional area of the
dislecation core, I, is the pipe diffusivity and T is
the absolute temperature.
The diffusional creep rate can be written as [31]
5 dift

8n = Agtr O

(A6)

where

14€) ™
Adaf = 773 [DL + ((—I)SghDgh].

Q2 is the atomic volume,  is the matrix grain size,
d.p 15 the effective thickness of the grain boundary,
Dy, is the grain boundary diffusivity and Dy is the
volume diffusivity.



